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Abstract

During the first few hydrogenation—dehydrogenation cycles of virgin LaNig, the absorption plateau pressure drops sharply,
accompanied by powdering of the starting intermetallic. We looked for an explanation of this phenomenon in the microstructural features
of the metal that can be studied via diffraction. Five complete absorption—desorption cycles were conducted in an unbroken sequence,
with neutron powder diffraction patterns being recorded in cycles 1, 2 and 5. We found that, after activation, the drop in absorption plateau
pressure correlates with increasing coherency of the phase transformation in the c-direction, trandating to lower elastic strain energy
associated with the transformation. The total microstrain in the dehydrided metal is essentially constant after cycle 1. These findings
afford a partial understanding of the pressure behaviour in the first few cycles, but the mechanism by which the lattice coherency develops
remains to be explained. [0 2002 Elsevier Science BV. All rights reserved.
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1. Introduction

Our previous study [1] of the activation process in
LaNi by in-situ neutron powder diffraction provided a
fairly clear physical picture of the activation mechanism
which operates during the first absorption. The host matrix
initially absorbs hydrogen to the point of saturation of the
a phase. B nuclei then form and physically separate from
the parent particles because the misfit strain cannot be
supported by the o phase in the virgin (i.e. unactivated)
intermetallic.

Within the course of the first few hydrogenation—dehy-
drogenation cycles, the hydrogen absorption properties of
the LaNi,—H, system acquire characteristics that may
persist for thousands of cycles, changing slowly as the host
alloy gradually degrades [2]. The activation period is
characterised by a reduction in physical grain size (pow-
dering) and the introduction into the newly formed 3 phase
of dislocations of the type 2(2110){0110}, reveded in
severe anisotropic diffraction line broadening [3—6]. This
establishes a microstructure which persists in the dehydro-
genated metal thereafter. Starting with the first desorption
and continuing through subsequent cycles, nanoscopic
mechanical interaction between the phases is revealed by
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lattice parameters that depend on the phase proportions
[1,7]. This co-existence is apparently made possible by the
existence of a very high density of dislocations in material
that has previously absorbed hydrogen.

Macroscopicaly, a large reduction in absorption plateau
pressure is observed between cycles 1 and 2, continuing in
smaller steps, until by cycle 5 it can be considered to be
stable. In contrast, the desorption plateau pressure changes
only dlightly between cycles 1 and 5. Recent work by Inui
et a. [8] shows that the initial decrease in absorption
pressure is caused by cracking of the virgin metal particles.

The aim of this study was to observe any distinctive
microstructural changes in the first few hydrogenation
cycles, and if possible, to correlate them with the well-
known changes in the hydrogenation behaviour.

2. Experimental details

The sample studied was closely stoichiometric LaNig
(Santoku). A 32-g sample was ground in air, sieved to
53-106 wm, and quickly transferred to an auminium
sample can. The sample was evacuated with a turbopump
and heated to 80°C for several hours to desorb surface
impurities. It was stored under vacuum until the neutron
diffraction experiment, which was conducted at 40°C. This
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study was performed using the diffractometer HRPD (U =
0.05792°, V=-0.15000°, W=0.14000°) at the reactor
HIFAR, operated by the Australian Nuclear Science and
Technology Organisation, Sydney. Data were collected in
the range 10-154° (26) in 0.05° increments at A=1.8823
A. A total of 32 diffraction patterns were recorded during
cycles 1, 2 and 5, at pressures up to 42 bar. Typicaly,
single-phase patterns were accumulated for 12 h and two-
phase patterns were accumulated for 24 h. The entire
experiment was performed in situ, in a single sequence,
using ultra-pure deuterium desorbed from a LaNi, storage
bed. Changes in deuterium-to-metal atomic ratio, D/M,
were measured throughout the experiment by the man-
ometric technique described in Ref. [1]. This allowed us to
confirm that the change in D/M while a pattern was
recorded was always small compared to the absolute D/M.

3. Results and analysis

The Rietveld code LHPM was used to anayse the
diffraction patterns with a generic basal plane Aa/a strain
model [7]. In this model, the anisotropic strain broadening
is ascribed to a basal-plane stretch Aa which isincluded in
the overall Gaussian contribution to the peak breadth U
according to

1200

2(h® + hk + k%) /a® Aa |?
u(20)=u, +

(h*+hk +K)/a* +3(5)

where U, is the instrumental contribution. Although sim-
ple, this model emulates exactly the functional dependence
of the Gaussian breadth owing to £(2110){0110} disloca-
tions [5].

Fig. 1 shows a typical two-phase refinement of the
diffraction pattern recorded in the centre of the desorption
plateau of cycle 2. The a phase was modelled in space
group P6/mmm, and the B phase in P31c. The latter space
group, used with a doubled c-axis relative to P6/mmm,
models the D ordering whose occurrence is visually
indicated by the appearance of the (023) superlattice peak
once the pure B phase is entered at the end of the
absorption plateau [9]. The agreement index Ry ranged
from 0.8 to 2.5% for al fits, while the GOF varied from
1.7 to 2.8. Systematic problems were encountered in using
the split-site multi cell B model, leading to high values of
the GOF. The cause was the interplay of isotropic broaden-
ing and the Ni 2b thermal parameters, in the filling of the
mixed D site 6c, and in the emptying of one half of the
split D site 2b. It was necessary to account for isotropic
broadening because it contains components of size, dislo-
cation and interfacial strain broadening [4,5]. The stability
of the refinements was rather sensitive to the magnitude of
the isotropic broadening parameter, which in turn is critical
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Fig. 1. Typica two-phase diffraction pattern recorded at D/M=0.35 (determined by quantitative phase analysis) in desorption. The measured pattern is
indicated by points, the fitted pattern and difference pattern (below) by lines. The reflection markers are for the o (upper set) and B (lower set) phases. The

excluded regions correspond to peaks from the Al pressure chamber.
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to the fit of (002). Attempts to vary the metal thermal
parameters in the B structural model in two-phase fits
resulted in excessively high values, and in nearly all cases,
the isotropic broadening would change sign and lead to
unstable refinements. This interplay could not be directly
observed in the correlation matrix. For this reason, al B
metal thermal parameters were refined from single-phase
fits close to the phase boundary, and subsequently fixed in
two-phase fits. Further, the D site occupancies in the
structural model were refined from a pattern in the centre
of each isotherm and fixed in multiple phase patterns along
the rest of each isotherm. This methodology alows for the
subsequent use of the lever rule for quantitative phase
analysis (QPA). This approach to two-phase refinements
proved to be the most stable. In al cases, the agreement
between D content as extracted from the diffraction data
and as measured directly was excellent.

Fig. 2 shows the evolution of the c lattice parameter of
each phase during cycle 2. Also included for comparison
are the values of c, in absorption for cycles 1 and 5.
Comparing the lattice parameter variation with D con-
centration between cycles 1, 2 and 5 led to the following
observations:

» These data agree very well with our previous measure-
ments during cycle 1 [1].

» After the first absorption (activation) [1], a for both
phases changes little.

 Likewise c, changes relatively little after the very first
absorption of hydrogen.

* The changesin c, during desorption from cycles 1 to 5
are not significant within the level of uncertainty.

» Striking changes do occur, however, in c, during
absorption. While its value in the pure 3 phase is stable,
C, decreases significantly between cycles2 and 5 at low
concentration, where the B phase is nucleating in the «
matrix. This implies an increasing degree of coherency
between the o and B phases during B nucleation as the
cycle number increases.

Fig. 3 shows the variation in total anisotropic mi-
crostrain for cycle 2, as measured with the generic basal-
plane Aa/a strain model. Also shown for comparison are
the data for desorption in cycle 1. The strain results can be
summarised as follows:

» Aside from the activation half-cycle, the strain in the o
phase is essentially stable from cycle to cycle, athough
the variation with changing H concentration is large.

* The strain in the o phase is highest in the pure-phase
region.

* |n absorption, the strain in the B phase varies little with
D/M, and appears stable within uncertainty after cycle
2, athough significantly higher than in cycle 1.

* In desorption, however, the behaviour of the strain
parameter for the B phase is essentidly the same
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Fig. 2. Variation of the c lattice parameter of the a and B phases with

D/M in cycle 2, referred to the P6/mmm cell of the o phase. Also shown

is ¢, during absorption in cycles 1 and 5. Notice that, while its value in

the pure B phase is stable, ¢, decreases significantly between cycles 2 and

5.

between cycles 2 and 5, but significantly different from
cycle 1.

Fig. 4 shows the variation with D/M of the notional
particle size, which is the coherently diffracting domain
size calculated from the Lorentzian breadth of the diffrac-
tion peaks, assuming spherical domains. Strict physica
interpretation of this parameter is unwise, but its behaviour
is interesting. Data are shown only for cycle 2 because,
with the exception of the a phase during cycle 1 absorp-
tion (activation), very much the same results were obtained
in cycles 1 and 5. Whereas the domain sizesin Fig. 4 are a
few hundreds of angstrom, the domain size of the « phase
during activation was approximately constant at 2200
A*+10% throughout the course of the absorption isotherm.

4. Discussion

The foregoing microscopic observations need to be
examined in relation to the sharp fal in the absorption
pressure, and the relative constancy of the desorption
pressure, during the first few hydrogenation cycles. The
data must be interpreted with caution because powder
diffraction is an averaging technique. Furthermore, phys-
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Fig. 3. Variation of the total anisotropic microstrain, expressed as Aa/a,
for cycle 2. Also shown are the data for desorption during cycle 1.

ical interpretation is based on the assignment to physical
origins of features of the diffraction peaks, especialy their
shape and breadth. For instance, it is known that disloca-
tions contribute a Lorentzian peak shape component as
well a Gaussian one [4,5], and this will be modelled by
other breadth-related parameters in this analysis. This is
especially true in the two-phase region, where interfacial
strain and dislocation strain are convolved in the data.

The following generic picture is commensurate with the
experimental data known to us and is used as a framework
for discussion. During the activation process, a grain
structure is developed in the hydrided metal. The coherent-
ly diffracting domains are bounded by wall-like structures,
no doubt built from dislocations, which are stable and
constitute a microstructural memory of the activation
process. As the B phase nucleates in the o phase, or vice
versa, each of these domains is converted to the other
phase, perhaps immediately or perhaps, since the gene-
ration of energy-consuming misfit dislocations is involved,
gradualy as the pressure rises. In either case, interfacia
strain between the phases occurs directly, or indirectly,
transmitted by the domain wall.

The ease of accommodating the interfacial strain be-
tween the o and B phases must play a role in the
determination of the absorption and desorption pressures.
That there appears to be higher lattice coherency in the
c-direction than in the basal plane is of course consistent
with the accommodation of basal-plane strain in the
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Fig. 4. Variation of the notional particle size with D/M for cycle 2. Cycle

1 (desorption) and cycle 5 are essentialy the same. Note the trends to

smaller particle size in the o phase and larger size in the B phase as the
a—f transformation proceeds.

2(2110){0110} misfit dislocations observed. The decreas-
ing value of ¢, in absorption as we progressed from cycle
1 to cycle 5 is expected to lower the compressive strain
energy stored in B phase nuclei, which should be manifest
as a lower absorption pressure through its lower energy
cost. This is consistent with the macroscopic behaviour of
the system.

The reason why c-coherency might increase with cy-
cling is unclear. The B phase is evidently softer in the
c-direction than the a phase, as evidenced by the much
greater variation of cg, but the origin of the effect remains
unexplained. An increasing dislocation density does not
appear to be the cause because the strain in the pure «
phase is remarkably stable from cycle to cycle.

One clear feature of the data is the behaviour of the
notional particle size. The decrease in particle size owing
to activation, and its subsequently stable behaviour, are
consistent with the finding of Inui et a. [8] that the initial
pressure drop is caused by cracking. Post activation, Fig. 4
shows that the particle size in the pure o phase is the same
as in the pure B phase within the uncertainty with which it
can be determined. Furthermore, the « size decreases and
the B size increases as the a—B phase transformation
proceeds and vice versa. When the sample is in the form of
pure o or B phase, the diffraction pattern is due to
coherently diffracting domains whose size is generaly
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caled the particle size. Suppose that a domain can
transform from pure « to pure o and back while retaining
its basic structural coherency. The behaviour of the particle
sizes for the a and B phases then suggests that the phase
transformation within each coherently diffracting domain
proceeds gradually and that, in the two phase region, each
domain contains both the o and the B phase. Therefore the
nanoscopic mechanical interaction between phases indi-
cated by the dependence of lattice parameters on phase
proportions appears to arise at (from the diffraction point
of view) the most fundamental level. This interpretation
relies on the assignment of the Lorentzian contribution to
the diffraction peaks to particle size broadening. As the
functional dependence (sec ) differs from that for disloca
tion broadening (tan #), it is a reasonable interpretation,
being based on whole-pattern fits to the data.

5. Conclusions

An in-situ neutron diffraction study of the LaNi;—D
system during hydrogenation cycles 1, 2 and 5 has given
some insight into how the microstructure of this metal—H
system develops. The key question is that of how the
microstructure determines the absorption pressure.

No substantial change in the residua strain owing to
dislocations was observed from cycle to cycle; the disloca-
tion structure appears to be established during the very first
absorption by virgin metal, and to be stable thereafter. Our
data suggest that the degree of coherency between the «
and B phases in the c-direction plays a role in controlling
the plateau pressures via the contribution to hysteresis of
elastic strain energy, athough the mechanism is not yet
clear.

Our data support a picture of the a—p phase transforma-
tion in which these phases co-exist in every coherently
diffracting (when single-phase) domain.
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